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Abstract

The effects of substitutional alloying on the ductility of MoSi2 single crystals are studied. Criteria for ductility and brittleness
are expressed in terms of surface energies and generalized stacking fault energy surfaces, which are calculated using first principles
density functional methods. The results are expressed in terms of a single disembrittlement parameter, based on fracture mechanics
theory, which characterizes brittle versus ductile behavior. Substitution of Mo by V, Nb, Tc and Re and substitution of Si by Mg,
Al, Ge and P were considered. The effects of substitution of Mo by V or Nb, and substitution of Si by Mg or Al are found to
be particularly beneficial to the enhancement of ductility. © 1999 Elsevier Science S.A. All rights reserved.
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1. Introduction

Molybdenum disilicide crystallizes in an ordered
body centered tetragonal structure with a=0.320 nm
and c=0.785 nm, formed by alternate stacking of
single Mo and double Si (001) layers, as shown in Fig.
1(a). With its high-temperature ductility and excep-
tional resistance to corrosion and fatigue crack growth,
MoSi2 combines the toughness of a metal with the
strength of a ceramic and is a promising candidate to
replace nickel alloys in the next generation of high-tem-
perature gas turbines. Unfortunately, it undergoes a
ductile–brittle transition (DBT) at 1200°C, with the
fracture toughness dropping to 2–3 MPa m1/2, well
below the minimum of 20 MPa m1/2 required for engine
applications. This brittleness at low temperature means
that MoSi2 must be formed by costly electro-discharge
machining and places a severe limitation on its poten-
tial technological utility. However, there is a reasonable
chance that the DBT in MoSi2 may be manipulated or
even eliminated. Many of the slip systems in MoSi2 are
ductile and it is only for a stress axis near [001] that a
DBT is observed [1]. It is believed that the difficulty of
operation of non-basal slip systems, particu-
larly{013}�331� (see Fig. 1b), is responsible for the
embrittlement.

It is desirable therefore, to alter the properties of
MoSi2 in very specific ways. This can be, and has in the
past been, attempted by heuristically changing the com-
position or structure of the material and studying ex-
perimentally the effect of these changes. It will be
argued in this paper that advances in the theory of
bonding in solids, based on quantum mechanical den-
sity functional calculations, offer an alternative route
which can be used as a cost-effective precursor to
experiment. The need, in the case of MoSi2, is for an
element or elements which can be introduced at mi-
croalloy levels (B5%) and which will perturb the brit-
tle–ductile behavior in favor of ductility without
adversely affecting the advantageous physical proper-
ties. While the method of choice would normally be an
atomistic calculation, bonding in MoSi2 is known to
have hybrid metallic and covalent character [2].

Determination of the effects of alloying on such
bonding requires accurate quantum mechanical treat-
ment of the electrons, and generation of reliable inter-
atomic potentials, which are an essential prerequisite to
atomistic methods, is impractical1. Instead, use is made
of recent advances in the theory of dislocation nucle-
ation and mobility which provide approximate links

1 During the time since this work was begun, several groups have
developed empirical interatomic potentials for monolithic MoSi2, and
these are reported on elsewhere in this volume.* Corresponding author.
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Fig. 1. Crystal structure of MoSi2. (a) Unit cell for the body centered C11b structure; solid circles represent Mo atoms and open circles represent
Si atoms. (b) (013) plane and the Burgers vector for {013}�331� slip systems.

between these properties and the generalized stacking
fault energy surface, which can be calculated accurately
using first principles quantum mechanical techniques. A
similar approach has been used successfully by two of
the present authors to investigate the DBT in silicon [3].
Even with these gross approximations, the numerical
work is intensive. The calculations are restricted to
small supercells, with correspondingly large alloy con-
tent, and the effects of true microalloying must be
estimated by interpolation.

An overview of the experimental background will be
presented in the next section. In Section 3 the theoreti-
cal basis for the methods used will be detailed. The
results for monolithic and alloyed MoSi2 will be given
in Section 4.1, and Section 4.2, respectively. Finally,
Section 5 will summarize the work and its implications.

2. Experimental background

The onset of brittleness is usually due to an increased
difficulty in dislocation activity (nucleation or mobility)
relative to cleavage. That this may be true for at the
DBT in MoSi2 is supported by experiment [4], pre-
straining at 1300°C increases the ductility of polycrys-
talline MoSi2 at 800°C from 0 to 5%, and at 750°C to
1.5%. Further confirmation comes from single crystal
experiments [1], which show that orientations other
than [001] are ductile to room temperature. For [001]
orientations, plastic deformation occurs on the
{013}�331� system, with the flow stress on this slip
system increasing rapidly as the DBT temperature is
approached from above. This suggests that the onset of
brittleness in MoSi2 is due to decreased activity of

{013}�331� dislocations, leaving no means of accom-
modation for the component of deformation parallel to
the c axis. On the other hand, for orientations close to
[100], slip on the {013}�331� system is observed for
temperatures as low as 0°C [1], indicating that the
governing process for {013}�331� slip is strongly orien-
tation dependent [5].

Several attempts to improve the low-temperature
fracture toughness of MoSi2 by forming composite or
alloyed materials have been made. The addition of
ceramic particles or whiskers such as SiC [6], or ZrO2

[7], acts to inhibit fracture and increase the fracture
toughness to a level of :8 MPa m1/2 by pinning,
deflecting or shielding the crack front, or by bridging
the crack wake. Incorporation of a ductile second
phase, such as Mo in MoSi2 [8], and Nb in Nb5Si3 [9],
increases the fracture toughness (up to :10 MPa m1/2).
This is believed to be due to the crack-slowing effects of
large matrix-particle interfacial stresses. The addition of
C [10], scavenges silica from the grain boundaries,
changing the fracture mode from intergranular to trans-
granular and increasing fracture toughness to 12 MPa
m1/2. The most effective treatment to date is the addi-
tion of a 30% volume fraction of Si3N4 particles, which
eliminates the oxidation (PEST) problem and raises the
high-temperature fracture toughness to 15 MPa m1/2.
The DBT and low-temperature toughness are unaf-
fected [11]. The addition of C-lubricated SiC (SCS-6)
continuous fibers increases the fracture toughness [12],
to 35 MPa m1/2 for cracks normal to the fiber length.
Unfortunately, the toughness for cracks running paral-
lel to the fibers is unaffected. This process is costly and
not easily extended to three dimensions, making it an
unsuitable candidate for practical use.
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Several workers have examined the effect of chemical
alloying on the DBT in MoSi2. Chin and co-workers
[13], from the United Technologies Laboratory, exam-
ined a wide range of ternary MoSi2 alloys. They consid-
ered the substitution of Al, B and Ge for Si and Hf, Nb
and Re for Mo. For substitution of Al at 20 and 50%
of the Si sites, the compound structure was the hexago-
nal C40. B was found to be insoluble. For Ge at 10, 20
and 50% of Si sites, the C11b structure was maintained.
Hf was insoluble. For Nb at 50% Mo sites, the struc-
ture changed to C40. For Re at 10, 20 and 50% of Mo
sites, the C11b structure was retained. All ternaries were
tested both at room temperature and at high tempera-
ture. No significant change in the DBT temperature
was found for any of the alloys.

The tetragonal C11b structure is an ABAB... stacking
of identical {110} planes. The related hexagonal C40
structure is an ABCABC... stacking of the same
({0001} in hexagonal indices) planes. The C40 variant
has been reported for MoSi2 at high temperatures. The
transformation between the two lattices is accomplished
by motion of (in C11b notation) a/4�111� partials on
{110} planes. This led to an idea, put forward by
Umakoshi et al. [14,15], that phase destabilization—i.e.
decreased stacking fault energy—could activate slip of
partials on {110} planes and thereby increase ductility.
However, the observation of a/4�111� faults in MoSi2
has been questioned by Kad and co-workers [16], their
TEM diffraction analysis showed the faults to be a/
6[001]{001}, corresponding to a missing plate of silicon.
The question of disembrittlement by phase destabiliza-
tion therefore remains open.

Single crystal tests were performed by Umakoshi and
co-workers [17], on MoSi2 (C11b), on Cr, Ta and NbSi2
(C40), on Ti5Si3 (D88), and on Co, (Co,Ni)Si2 (C1). All
the C40 structures were found to be ductile at room
temperature (Cr the least so). The C1 structures were
also ductile, but have low melting points (1300°C). The
C11b and D88 structures were brittle at low tempera-
tures. The addition of a small amount of Cr (3%) was
reported to improve ductility [18]. Ikarashi and Ishizaki
[19], aimed at the designed disembrittlement of Zr5Si3
(16H) by making the bonds more metallic. Their idea
was to partially substitute the larger Y for Zr, expecting
a larger number of Si to cluster around, thereby making
the bonds more isotropic and hopefully more metallic.
The material was formed but not tested. The indenta-
tion hardness decreased, perhaps indicating greater
metallicity.

3. Theoretical methods and background

In this section the concept of the generalized stacking
fault and its energy surface will be introduced. The
dependence of dislocation nucleation and mobility on

specific properties of the generalized stacking fault en-
ergy (g-) surface will also be discussed. Theories of the
DBT will be outlined, with an emphasis on how these
relate to dislocation nucleation and mobility, and hence
to the g-surface. Finally, a description of the methods
used for the first-principles calculations will be
provided.

3.1. The generalized stacking fault energy

The concept of the g-surface was introduced by Vitek
[20], and can be explained briefly as follows. Consider a
crystal cut into two halves parallel to the (hkl) plane
and suppose that one half is displaced relative to the
other by a vector f. As this vector is varied to span a
unit repeat area in the plane of the cut, the energy g(f)
of the crystal changes and traces out the g-surface,
which has units of energy per unit area. If the energy is
minimized with respect to relative displacement of the
crystal halves normal to the fault plane, the fault is
referred to as relaxed. The power of the g-surface is
rooted in its qualitative capability to link microscopic
characteristics with macroscopic properties. For exam-
ple, it can be used at the atomistic level to predict
dislocation core properties [21], and also at the macro-
scopic scale to determine the stress intensity at which
dislocations are nucleated at a crack tip [22]. It is also
a fundamental material property which can be calcu-
lated from first principles, even for complex materials
such as MoSi2.

3.2. Dislocation mobility

The Peierls–Nabarro model involves representation
of the crystal dislocation as a continuous, planar distri-
bution of infinitesimal dislocations r(x). This distribu-
tion can be obtained from the displacement field u(x)
(via the relation r(x)=du/dx), which can in turn be
determined from the integro-differential equation

K
&�

−�

dx %
du(x %)/dx %

(x−x %)
= −9(g(u(x))) (1)

subject to the normalization condition&�
−�

du(x)
dx

dx=b (2)

In these equations K is an elastic constant and b is
the Burgers vector of the dislocation. Eq. (1) equates
the stress on the lattice at a position x due to the
infinitesimal dislocation distribution to the gradient of
the g-surface. Eq. (2) requires that the total misfit be
equal to the Burgers vector. These two equations are
solved typically by assuming a series solution [23,24],
and performing a least squares fit for the coefficients.
The next step is to move this dislocation distribution
rigidly through a distance of one atomic spacing and
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compute the change in energy as a function of position
x. This energy is the Peierls energy WPN(x) and its
maximum gradient is the Peierls stress for rigid
dislocations at zero temperature. While this procedure
has drawbacks, it has been shown to predict Peierls
stresses larger than but within a factor of three of those
determined using full atomistic methods, both for
dislocations with planar cores [25–28], and dislocations
with narrow cores [29–31]. The principal source of
error in the method is the neglect of any change in the
distribution r(x) with position during motion through
the lattice; if this constraint is removed, the agreement
with atomistic methods is improved substantially [32].

If a rough approximation to the Peierls stress is
adequate, the step in which the distribution is
translated through the lattice can be bypassed. It has
been shown that for the limit of narrow dislocations,
the Peierls stress is given directly by the maximum
gradient of the g-surface along an extremal path
(extremal in the sense of being the lowest energy path
consistent with the end-points) over which the
displacement vector changes continuously from 0 to b
[33].

3.3. Theories of the ductile–brittle transition

The distinction between ductile and brittle failure in
materials and the transition between the two types of
behavior at a critical temperature—the DBT—has
eluded explanation for decades, and remains one of the
outstanding problems to be solved in the deformation
of materials. In recent years, with mounting interest in
composite materials and the concomitant complication
of heterogeneous interfaces, the DBT has assumed
added dimensions and importance. There is general
agreement that the fundamental competition between
brittleness and ductility takes place close to the crack
tip, at which the applied tensile stress is intensified by
the lenticular shape of the crack [34]. The competing
processes which lead to brittle or ductile behavior are
the extension of the crack by creation of fresh surfaces
(brittle response) or the generation of dislocations
which blunt the crack and/or produce shielding stresses
which reduce the stress intensity at the crack tip (ductile
response). In the former process, the energy required
for an incremental advance in the crack front is

G=2gs (3)

where G is the energy release rate (the elastic energy
released per unit area swept by the crack front) and gs

is the surface energy per unit area.
The first attempt to rationalize the distinction be-

tween brittle and ductile behavior was made by Kelly
and his colleagues [35], who postulated that a material
would be ductile if the crack tip stress exceeded the
theoretical shear stress before the theoretical tensile

stress was reached. A major theoretical advance, this
work failed to address the DBT, in which the failure
mode changes from brittle to ductile over a temperature
range which can be quite small. A direct linkage to the
DBT was made by the later model of Rice and Thom-
son [36] (RT), in which it was proposed that the onset
of ductile behavior occurred when spontaneous emis-
sion of dislocations from the crack tip became enabled.
The emitted dislocations then serve the dual purpose of
blunting the crack at an atomic level and of exerting a
shielding stress, the net result of both effects being to
reduce the stress level at the crack tip. In the RT model,
dislocations which propagate more than a critical dis-
tance, rc, from the crack tip are repelled by the crack
and are therefore considered to be nucleated. If rc is less
than the dislocation core radius, r0, the material is
considered to be ductile at all temperatures; on the
other hand, if rc\r0, the material is brittle at low
temperatures. The linkage of the RT model to disloca-
tion properties, specifically the dislocation energy, os-
tensibly introduces a temperature-based DBT.
Unfortunately, the RT model predicts large activation
energies (equal to the sum of the core and elastic
energies of the dislocation) for dislocation nucleation in
brittle materials, precluding a DBT at temperatures
significantly below the melting point, Tm. Experimen-
tally, the DBT is found to occur at much lower temper-
atures, for example at 2Tm/3 in Si.

There are three modern theories of the DBT. In a
modern variant of the RT model, Rice [22], points out
that in order to nucleate a dislocation with Burgers
vector b, it is necessary to follow the minimum-energy
trajectory on the g-surface between the points 0 and b.
This trajectory is the same as the extremal path intro-
duced in the preceding section in connection with the
Peierls stress. At some point along this path the energy
reaches a maximum, which Rice calls the unstable
stacking fault energy, gus. This is the dislocation nucle-
ation energy. It is much smaller than the total disloca-
tion energy (the RT nucleation energy), and is of the
same order as the surface energy. Within the Rice
model, the criterion for dislocation nucleation at the
crack tip, and therefore for ductility, is reached when

G=agus (4)

where a is a constant which depends on the geometry of
the crack, but is of order unity [37]. At this point a
direct connection between the unstable fault energy,
which is the maximum energy along a particular ex-
tremal trajectory on the g-surface, and the Peierls
stress, which is given approximately by the maximum
slope along this same extremal path. Provided that the
energy variation along the extremal path is not too far
removed from being sinusoidal, a property which is
usually the case, the maximum slope of the curve will
scale directly with the maximum energy. In other
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words, the Peierls stress will scale directly with the
unstable fault energy and any change in one of these
will be accompanied by a proportional change in the
other.

In an alternative model of the DBT, Hirsch and
Roberts [38,39] (HR), postulate that the governing
mechanism is the motion, rather than the nucleation of
dislocations. The crack tip stresses are presumed to
activate internal sources, with dislocations of one sign
moving into the bulk and of the opposite sign being
absorbed into the crack. Absorption of dislocations of
one sign is, of course, exactly equivalent to emission of
dislocations with the opposite sign. The HR theory
therefore connects the DBT with dislocation mobility.
This, as shown in Section 3.2, scales approximately
with the unstable fault energy.

The final model is due to Khantha, Pope and Vitek
[40–42] (KPV), who argue that the shielding disloca-
tions are nucleated in the vicinity of the crack tip as a
self-screening cloud of dipoles by a Kosterlitz–Thouless
mechanism [43]. In this case the key quantity is the
total dislocation energy, as in the RT model. However,
the elastic energy term is much smaller due to the
smaller screening length of the KPV model. The second
term in the total energy, the dislocation core energy,
does not scale with the screening length and remains
the same as for the RT model. It is precisely this core
region in which the misfit assumes the magnitude at
which the g-surface reaches the unstable fault energy,
so that the core energy depends on gus. Therefore,
although the mechanistic details of KPV are very differ-
ent from both the Rice and the HR models, gus is a key
parameter for the KPV also.

In summary, the conditions for both brittle fracture
and the nucleation and motion of dislocations can be
expressed in terms of the two energies gs and gus Brittle-
ness will occur if the condition Eq. (3) is satisfied before
Eq. (4); if the converse is true, the material will be
ductile. It is convenient to define a disembrittlement
parameter D=gs/gus. The value of D that corresponds
to the DBT is not known with any precision, but can be
estimated to lie between 1 and 10. For present pur-
poses, that is, to assess whether an alloying element
enhances or degrades the ductility of MoSi2, it is suffi-
cient to determine whether the dopant increases or
decreases the value of D relative to its value in the ideal
crystal.

3.4. Theoretical methods

The first principles total energy method is based on
the local density approximation (LDA) [44,45], to den-
sity functional theory (DFT) [46,47]. A pseudopotential
approximation is used to represent the ion-electron
interaction and a plane wave basis to represent the
electronic wavefunctions and charge density. This type

of calculation for simple systems such as Si and Al has
proven very reliable in the study of structural properties
of bulk and surfaces. Optimized pseudopotentials are
used [48], for the transition metals (Mo, V, Nb, Tc and
Re) with semicore s and p levels treated as valence
states. The calculations for the lattice constant and bulk
modulus of the bulk elemental crystals and MoSi2
resulted in excellent agreement with experiment. An
energy cut-off up to 60 Ry has been used in these
calculations to ensure convergence of energy differences
within 1 mRy/atom. A Fermi–Dirac broadening
scheme with kT=0.04 eV is used to represent the
Fermi surface discontinuity and 343 k-points are used
to sample the Brillouin zone of a single unit cell of
MoSi2. At an energy cut-off of 60 Ry, a calculation
with three formula units of MoSi2 per cell involves
finding the lowest 40 eigenstates of a 5000×5000 ma-
trix for any given k-point. For efficient calculations on
metallic systems involving large unit cells and surfaces,
a preconditioned conjugate gradient algorithm [49], is
used to interactively diagonalize the Kohn–Sham
Hamiltonian. The Kerker charge density mixing scheme
[50], is used in the self consistent procedure to avoid
sloshing of charge between the vacuum and the slab
region. This special charge density mixing scheme mixes
small wave vector components of the charge density
gradually and thereby damps oscillations during the
self-consistency cycle. Surface energies gs are obtained
from the difference between the total energy Etot of a
crystal cleaved across a given plane and of the bulk.
The calculations use periodic boundary conditions. In
practice, the total energy of a periodic supercell is
calculated as a function of d, the distance between two
atomic layers of the desired cleavage plane. These ener-
gies are fitted to the universal binding energy function
[51]:

e(d)=
Etot(d)

A
=e�−2gs(1+x)e−x (5)

where x= (d−dbulk)/l, e� is the energy per unit area
(A) of the cleavage plane, dbulk is the interplanar sepa-
ration in the bulk crystal and l is a length scale
parameter.

The unstable stacking fault energy is obtained from
the total energy of a supercell containing the cut plane
and with atoms on either side of the plane displaced
with respect to each other in the direction of the fault
vector.

4. The projected influence of microalloying on ductility

4.1. The properties of monolithic MoSi2

The MoSi2 unit cell, as can be seen in Fig. 1, is
formed by the alternate stacking of single Mo and
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Fig. 2. First principles energies (points) fit to the universal equation
of state (solid lines), for pure Mo–Si (open circles) and Si–Si (filled
circles) cleavage planes of MoSi2; x is the distance between the two
adjacent atomic layers in units of the length scale parameter l.

Fig. 3. Electronic charge densities of MoSi2 in (a) the (110) plane, (b)
the (001) plane of Mo atoms, and (c) the (001) plane of Si atoms. Red
color corresponds to large and purple to small charge densities. Mo
atoms are at the center of circular red regions in (a) and (b), and Si
atoms are at the center of circular black regions in (a) and (c).

double Si (001) layers. Both types of atom are highly
coordinated, with ten nearest neighbors, and as ex-
pected at this coordination level, MoSi2 is metallic.
Brittle failure in single crystals occurs only when the
stress axis is close to [001] and is caused by increasing
difficulty in operation of the �331�{013} slip system.
To assess ductility trends, 75 for (001) cleavage planes
and gus for the �331�{013} slip system have been
calculated from first principles. In MoSi2, there are two
types of (001) cleavage planes, one separating adjacent
layers of Si atoms and another separating layers of Mo
and Si atoms. A supercell consisting of six (001) atomic
layers (conventional tetragonal unit cell with two MoSi2
formula units) has been used in the calculation of gs.
Fig. 2 shows the total energies for the two (001) sur-
faces fitted to Eq. (5). The energies in the limit of
infinite interplanar separation with respect to the mini-
mum (bulk energy) give the surface energies. The re-
sults show that binding between (001) Si planes
(gs=2.74 J m−2) is weaker than that between (001) Mo
and Si planes (gs=3.94 J m−2). Since the surface
relevant to brittle failure is that with the smaller gs, the
focus in the alloy calculations below will be on the
energetics of cleavage between (001) silicon planes. To
obtain a microscopic picture of bonding and better
understanding of the above results, contour plots of the
electronic charge densities in various planes of MoSi2
have been generated. The contours range from the
highest density (due to the contribution from core 4s
and 4p electrons), at Mo atoms (the large open circles),
to the lowest at Si atoms (the small open circles). Fig.
3(a) shows plots of the electronic charge density in a
(110) plane, which contains all the bonds that are
broken in a (001) cleavage. There is directional bonding
between nearest neighbor Mo and Si atoms appearing
as triangular (anisotropic) regions, indicating covalent
character. In contrast, there is no significant bonding
between Si–Si and Mo–Mo atoms. This naturally re-
sults in lower cleavage energies for the (001) planes that
separate Si-planes. The charge densities in (001) planes

are shown in Fig. 3(b and c). For both Mo (Fig. 3b)
and Si (Fig. 3c) (001) layers, the charge densities are
close to being isotropic. In addition, the small variation
in charge density of Si layers indicates metallic charac-
ter. The atomic arrangement in the (013) plane is shown
in Fig. 4(a), with the two smallest Burgers vectors,
b0=1/2[131] and b=1/2[331]. This plane is treated as a
basal plane of a supercell used in the calculation of the
stacking fault energy surface. For a few points on the
g-surface, supercells with two and three (013) atomic
planes were used also, to check convergence of the
results with respect to supercell size. All the results for
the g-surface presented here have been obtained with
calculations for a 3-layer supercell, shown in Fig. 4(b).
Fig. 5 shows cross-sectional branches of the g-surface
along the two possible Burgers vectors. For the slip
systems �131�{013}, and �331�{013}, respectively, the
unstable fault energies are 4.33 and 2.99 J m−2. This
means that nucleation of dislocations on the latter
system is energetically favored, despite the higher en-
ergy of dislocations with the �331� Burgers vector (the
energy of a dislocation is approximately proportional
to the square of its Burgers vector). The intermediate
energy minima along these curves indicate possible
stable stacking faults. Connection of these results to
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Fig. 4. (a) Atomic arrangement in the (013) plane and the two smallest Burgers vectors. (b) Schematic geometry of the 3-layer supercell (side-view)
used in the calculation of generalized fault energies. The dashed arrow indicates displacement of the upper half relative to the lower half of the
crystal along a Burgers vector. The thick dashed line indicates the boundary of the supercell corresponding to a finite relative translation of the
two halves.

possible dislocation dissociation and anti-phase
boundary faults in MoSi2 is the subject of a separate
publication [52].

4.2. The properties of microalloyed MoSi2

In the preceding section, the properties of the cleav-
age and slip systems relevant to the DBT in MoSi2 were
determined, using a combination of first principles cal-
culations and experimental information. To study the
effects of substitutional alloying on ductility, the sur-
face and unstable stacking fault energies for these
planes were calculated, using ordered supercells with a
few of the Si or Mo atoms replaced by alloying ele-
ments. The goal was to examine the effects of a specific
alloying element on the bonding in MoSi2 through
changes produced in the disembrittlement parameter D.
First, the effects of Al substitution for Si were exam-
ined. A single (001) plane of silicon atoms was replaced
by aluminum and the surface energies for various (001)

planes were calculated. The results are shown schemati-
cally in Fig. 6. For most of the (001) cleavage planes, gs

decreases with Al substitution. Effects on the gs for
cleavage at Si–Si planes are much stronger than those
for cleavage at Mo–Si planes. These effects are strongly
localized, decaying rapidly with distance normal to the
plane of Al substitution. The electronic charge densities
for Al-substituted MoSi2 are shown in Fig. 7. The
concentrations of 50% (Fig. 7a) and 100% (Fig. 7b)
planar substitution correspond, respectively, to 16 and
33% by volume, or 4.4 and 8.9% by weight. Compari-
son with the ideal MoSi2 crystal, shown in Fig. 7(c),
reveals that the changes in charge densities are localized
near the plane of Al substitution. These effects become
stronger with concentration. The bonding of Si atoms
in the plane of substitution with neighboring atoms gets
substantially reduced, so that the value of gs near these
planes is more severely affected than for other planes.
The unstable stacking fault energies for Al-substituted
MoSi2 are obtained by replacing half or all of the Si
atoms in the operative {013} slip plane. With 100%
planar substitution (33% by volume) of aluminum for

Fig. 5. Cross-sections along �131� and �331� (corresponding to the
two vectors shown in Fig. 4(a) of the {013} g-surface of MoSi2.

Fig. 6. Schematic representation of the MoSi2 crystal. Each element
symbol represents an entire (001) plane of atoms of this type, while
the dashed lines represent cleavage planes. The numbers in parenthe-
ses are the calculated surface energies gs for cleavage on those planes.
The representation and numbers at the bottom are for a crystal with
an entire Si plane near the middle of the slab substituted by Al.
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Fig. 7. Electronic charge densities on the (110) plane of Al-substituted
MoSi2 with (a) 50% and (b) 100% planar substitution (Al atoms are
substituted in the third atomic layer from top indicated by an arrow).
For reference, (c) shows the charge density of monolithic MoSi2.

Table 1
Effects on gs and gus of full planar substitution of Si by Mg, Al, Ge
and Pa

Element gs (Jm−2) gus (Jm−2) (D−D0)/D0

Si 2.74 2.99 0.00
1.61Mg 1.45 0.21

Al 2.12 2.13 0.08
Ge 2.32 3.05 −0.17

1.78 2.58P −0.26

a D is the disembrittlement parameter and D0 its value for the ideal
crystal (D0=0.92).

silicon, gus is reduced by 29%. These calculations did not
include atomic relaxation. To estimate the effects of
relaxation, a configuration corresponding to a maximum
in the g-surface was permitted to relax. While the atomic
relaxation reduced gus by 12–20%, the percentage
reduction in gus (relative to its value in the ideal crystal)
due to Al-substitution remained essentially unchanged.
The change with concentration of the effects of
Al-substitution on gs and gus were also examined. These
quantities were calculated for 0 (pure MoSi2), 50 and
100% planar concentrations of Al, and the results are
shown in Fig. 8. The reduction in gus (shown in Fig. 8
as filled circles) varies nearly linearly with Al
concentration. The percentage reduction in gus is larger
than that in gs for all the concentrations considered,
particularly for small concentrations. Hence the
disembrittlement parameter D is increased as shown in
Fig. 8. A more limited investigation was conducted into
the effects of substitution of Mg, Ge and P for silicon.
The results for gs and gus with full planar substitution are
summarized in Table 1. It is found that both gs and gus

decrease for substitution by Mg and P. For Ge, gs

decreases but gus increases slightly. Overall, the
disembrittlement parameter D decreases with the
number of valence electrons in the substituted element,
indicating that alloying with acceptor elements should be
better for the enhancement of ductility than alloying with
isoelectronic or donor elements. Additional results (Fig.
9) for gus for substitution with these elements at 50%
substitution reveal that, to a good approximation, gus

varies linearly with concentration in all cases. Finally

Fig. 8. Percentage reduction in gs (open circles) and gus (closed circles)
and percentage change in D (open triangles) as a function of planar
concentration of Al substitution. The lines connecting these points
are guides to the eye.

Fig. 9. gus as a function of planar concentration of Mg, Al, Ge and
P, substituted for Si. The lines connecting these points are guides to
the eye.
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the effects of substituting V, Nb, Tc and Re for Mo
were explored. The results for gs and gus are presented
in Table 2. As we have shown above, brittle failure
involves the breaking of Si–Si bonds only; therefore
substitution for Mo has little effect on gs. On the other
hand, strong Mo–Si bonds are broken during disloca-
tion nucleation, and hence any substitution for Mo
which weakens these bonds should and does lead to a
reduction in gus comparable to that found in the substi-
tution for Si. The disembrittlement parameter D in-
creases with V, Nb and Tc substitutions, although, as
for Si-substitution, the effect is weaker for the alloying
element with a higher valence charge. D decreases
slightly with substitution of Re for Mo, suggesting that
alloying with Re is likely to embrittle MoSi2 rather than
improve the ductility. The effects of V and Nb substitu-
tion on D are very similar, because of their same
valence. Fig. 10 shows the charge densities in (110)
planes for the cases of 50% V and Tc substitution and
compares them to the ideal MoSi2 crystal charge den-
sity. In contrast with the substitutions for Si, the effects
of Mo-substitution on charge density are more long-
ranged. The covalent nature of Mo–Si bonds persists,
but is somewhat weaker. This is consistent with the
small changes in gs found with these substitutions. The
effect of V substitution for Mo on the bonds with
nearest neighbor Si atoms is found to be stronger than
that of Tc substitution for Mo.

5. Discussion and conclusions

The interpretation of macroscopic mechanical prop-
erties such as ductility and brittleness in terms of funda-
mental cohesive properties is a complex and difficult
task. The present work uses a highly simplified treat-
ment, which borrows heavily from fracture mechanics
and dislocation theory, to make the connection between
first principles quantum mechanics and macroscopic
properties, and to obtain reliable values for the crucial
quantities that enter into the analysis. There has been
much work linking first principles results to simpler
macroscopic properties (for example the elastic con-

Fig. 10. Electronic charge densities in the (110) plane of (a) V-substi-
tuted and (b) Tc-substituted MoSi2 (V and Tc atoms are substituted
for Mo atoms in the top and the bottom layers indicated by arrows).
For comparison, (c) shows the charge density of monolithic MoSi2.

stants) for selected materials. To the authors’ knowl-
edge, the present work is the first of its kind in two
respects:
� It constitutes the first attempt to use first principles,

non-empirical techniques to provide a prescription
for the design of materials with better ductility.

� It is the first of its kind to be motivated by a
technological imperative, rather than by the cutting
edge of scientific capability.
There are many approximations and simplifications

which have been made in the approach. For example, it
has been assumed that the dopant is soluble in the
MoSi2 matrix and that the crystal structure is unaf-
fected by alloying. In a similar vein, sheer numerical
complexity mandates the use of small supercells. These

Table 2
Effects on gs and gus of full planar substitution for Mo with V, Nb
and Tca

(D−D0)/D0gs (J m−2)Element gus (J m−2)

2.74 2.99 0.00Mo
2.49 0.18V 2.30
2.60Nb 2.42 0.18

Tc 2.35 0.102.34
Re 2.552.25 −0.04

a D is the disembrittlement parameter and D0 its value for the ideal
crystal (D0=0.92).
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correspond to large concentrations, despite the stated
intention of looking at the microalloy regime. No at-
tempt will be made to justify these assumptions and
approximations. Rather, they are rationalized within
the philosophy of providing the best information possi-
ble, subject to the twin constraints of technical capabil-
ity and a real problem. The results show trends for
ductility which can be correlated with electronic struc-
ture, and which are expected to provide a cost-effective
guide to experiment. It is worth noting that the authors
were not aware of the recent experimental work [53,54],
confirming the predicted breed of increased fracture
toughness with aluminum substitution until after the
calculations were completed. This experimental confir-
mation is particularly gratifying in light of the drastic
approximations employed.

In conclusion, a simple model for ductile versus
brittle response and input from first principles calcula-
tions have been used to estimate the effects of substitu-
tional alloying on the ductility of MoSi2, with the
object of providing a rational guide for experimental
efforts to disembrittle MoSi2 at low temperatures.
Within the simplified treatment, it is predicted that a
quaternary compound which substitutes small concen-
trations of Mg or Al for Si and V or Nb for Mo will
enhance the ductility of MoSi2 without significantly
degrading its desirable physical properties.
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