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Abstract. The effects of substitutional alloying on the ductility of MeSiingle crystals are
studied, using first-principles total energy calculations. The results are expressed in terms of
a disembrittlement parameter, based on fracture mechanics theory, which characterizes brittle
versus ductile behaviour. Substitution of Mo by V, Nb, Tc and Re and substitution of Si by Mg,
Al, Ge and P was considered. The effects of substitution of Mo by V or Nb, and substitution
of Si by Mg or Al are found to be particularly beneficial to the enhancement of ductility. The
examination of self-consistent electronic charge distributions elucidates the changes in bonding
responsible for changes in ductility.

1. Introduction

The use of advanced materials requires tailoring their properties to specific technological
demands. While certain properties of a material may show promise for important
applications, other aspects of its behaviour may render its manufacturing or ease of
application rather difficult. A case in point is M@SiWith its high-temperature ductility

and exceptional resistance to corrosion and fatigue crack growth, ;MaScompound
which combines the toughness of a metal with the strength of a ceramic, is a promising
candidate to replace nickel superalloys in the next generation of high-temperature gas
turbines. Unfortunately, it undergoes a ductile—brittle transition (DBT) at 1208vith the
fracture toughness dropping to 2—-3 MP&f This brittleness at low temperature, meaning

as it does that Mogimust be formed by costly electro-discharge machining, places a severe
limitation on potential technological applications.

To make possible the use of this promising material in technological applications,
it is desirable to alter its properties in very specific ways. This can be attempted by
changing the composition or structure of the material and studying experimentally the
effects of these changes. Advances in the theory of bonding in solids, based on quantum
mechanical density functional theory calculations, and the ability to study complex solids
using modern computational resources, may provide an alternative to costly trial-and-error
experimentation.

In the case of MoSi the need is for an element or elements which can be introduced
at microalloy levels £ 5%) and which will perturb the brittle—ductile behaviour in favour
of ductility without adversely affecting the advantageous physical properties of MdBé
purpose of the work reported here is to provide a guide to experiment by predicting which
alloying elements are likely to produce favourable changes in the relative probabilities of
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fracture and plasticity in Mo%i While the method of choice would normally be an atomistic
calculation [1], bonding in MoSiis known to have hybrid metallic and covalent character
[2]. Treatment of the effects of alloying on such bonding requires accurate quantum
mechanical treatment of the electrons, and generation of reliable interatomic potentials which
are an essential prerequisite to atomistic methods is impractical. Instead, use is made in
the present work of recent advances in the theory of dislocation nucleation [3] and mobility
[4] which provide approximate links between these properties and specific characteristics
of the generalized stacking fault energy surface [5]. The latter can be calculated accurately
using first-principles quantum mechanical techniques. A similar approach has been used
successfully by two of the present authors to investigate related issues silicon [6]. Even with
these approximations, the numerical work is intensive. Calculations are therefore restricted
to small supercells, with correspondingly large alloy content. Despite these limitations, it
is considered that the procedures used provide valuable physical insight and represent a
rational, cost-effective option for guidance of experiment when compared with the heuristic
alternative.

The paper is organized as follows. Section 2 contains an overview of experimental
results related to attempts to enhance the ductility of ioBi section 3.1 the background
to the criteria used to assess ductile and brittle response is outlined. The density functional
methods which were used to obtain the model parameters are described in section 3.2.
Section 4 contains the results for monolithic MgSin section 5, we discuss the changes
which occur after substitutional alloying for either Si or Mo. Finally, we will conclude in
section 6 with an assessment of the results and their implications for future work.

2. Review of experiments

Several attempts to improve the low-temperature fracture toughness of Mp$orming
composite materials have been made. The addition of ceramic particles or whiskers such as
SiC [7] or ZrQ;, [8] inhibits fracture and increases the fracture toughness to a level achieved
by incorporation of a ductile second phase. For example, Mo in M{&Hiincreases
the fracture toughness (up t10 MPa ni/?). This is believed to be due to the crack-
slowing effects of large matrix—particle interfacial stresses. The addition of carbon [10]
scavenges silica from the grain boundaries, changing the fracture mode from intergranular
to transgranular and increasing fracture toughness to 12 MPA niThe addition of
carbon-lubricated silicon carbide continuous fibres increases the fracture toughness [11]
to 35 Mpa n¥/2 for cracks normal to the fibre length. Unfortunately, the toughness for
cracks running parallel to the fibres is unaffected. This process is costly and not easily
extended to three dimensions, making it an unsuitable candidate for practical use.

The effect of structural modification on the DBT in MgSias also been examined, but
the conclusions are conflicting. The tetragonal C$fructure of MoSi is an ABAB...
stacking of identical 110 planes. The related hexagonal C40 structure, which has been
reported to occur in Mogiat high temperatures, is an ABCABC stacking of the same
(now {0001}) planes. The transformation between the two lattices is accomplished by
motion of (in C1} notation)a/4(111) partial dislocations or{110} planes. This led to
an idea [12] that phase destabilization—i.e. decreased stacking fault energy—could activate
slip of partial dislocations ofil10} planes and thereby increase ductility. Single crystal tests
were performed [13] on Mo%i(C11,), and the related silicides Cr, Ta, NbSC40), TiSi3
(D8g), and Co,(Co, Ni)Si, (C1). All the C40 structures were found to be ductile at RT
(Cr the least s0). The C1 structures were also ductile, but were found to have low melting
points (1300C). The C11 and D§ structures were brittle at low temperatures. However,
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the observation of/4(111) faults (and hence the existencesg®(111) partial dislocations)
in MoSi, has been questioned; transmission electron microscopy (TEM) diffraction analysis
[14] shows the faults to be/6(001){001}, corresponding to a missing plate of silicon. The
guestion of disembrittlement by phase destabilization therefore remains open.

There has also been some work, similarly inconclusive, on the effect of chemical
alloying. Chinet al [15] examined a wide range of ternary MgSilloys. They considered
the substitution of Al, B and Ge for Si and Hf, Nb and Re for Mo. For substitution of
Al at 20% and 50% of the Si sites, the compound structure was the hexagonal C40. B
was found to be insoluble. For Ge at 10%, 20% and 50% of Si sites, thg €dicture
was maintained. Hf was insoluble. For Nb at 50% Mo sites, the structure changed to C40.
For Re at 10%, 20% and 50% of Mo sites, the C$fructure was retained. All ternaries
were tested both at room temperature and at high temperature. No significant change in
the DBT temperature was found for any of the alloys. The addition of 10% Al (which is
sufficient to cause a transformation to the C40 structure) to Mw&s found to decrease the
ductility and fracture toughness [16]. However, the addition of small amounts of Al lowers
the hardness of polycrystalline MgSil7] and both lowers the hardness and increases the
fracture toughness of single crystal M@$18]. A small amount of Cr (3%) has also been
reported to improve ductility [19].

The onset of brittleness is usually due to an increased difficulty in dislocation nucleation
or mobility relative to cleavage. That this may be true at the DBT in MaSisupported
by experiment [20]; prestraining at 1300 (which introduces additional dislocations when
the material is ductile) increases the ductility of polycrystalline Magi800°C from zero
to 5%, at 750C to 1.5%. Further confirmation comes from single crystal experiments
[21], which show that orientations other than those close to [001] are ductile down to room
temperature. For orientations close to [001], plastic deformation occurs Oj©18g331)
system; the flow stress on this slip system increases rapidly as the DBT temperature is
approached from above, indicating a sharp decrease in dislocation mobility. The evidence,
therefore, indicates that the onset of brittleness in MaSdue to the loss of plasticity on
this slip system, leaving no means of accommodation for the component of deformation
parallel to the [001] axis.

3. Methods

3.1. Criteria for ductility and brittleness

There is general agreement that the fundamental competition between brittleness and
ductility takes place at the crack tip, at which the applied stress is magnified by the lenticular
shape of the crack [22]. The competing processes which lead to brittle or ductile behaviour
are the extension of the crack by creation of fresh surfaces (brittle response) or the generation
of dislocations that exert a back stress which reduceshimldsthe stresses and blunts the
crack tip (ductile response). In the former process, the energy required for an incremental
advance in the crack front is

G = 2ys (1)

whereG is the energy release rate (the mechanical energy released per unit area swept by
the crack front) ands is the surface energy (the energy needed to create a unit area of fresh
surface). For the latter process, three principal theories offer different explanations. The
Rice model [3] considers the governing mechanism to be the nucleation of dislocations at
the crack tip. Hirsch and Roberts [23] assume that the critical step is not the nucleation of
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dislocations, but their motion away from the crack tip. The third point of view is that of
Khanthaet al [24], who argue that the shielding dislocations are nucleated in the part of the
bulk material which lies within the stress field of the crack tip, by a Kosterlitz—Thouless-type
mechanism [25].

In each of these theories the critical parameter is a property of the generalized stacking
fault (y-) surface [5], defined as follows: consider a crystal cut into two halves parallel to
the (:kl) plane and suppose that one half is displaced relative to the other by the vector
f. As this vector is varied to span a unit repeat area in the plane of the cut, the energy
y (f) of the crystal changes and traces out fhsurface, which is normally expressed as an
energy per unit area. Rice pointed out that in order to nucleate a dislocation with Burgers
vector b, it is necessary to follow a path on thesurface over which the displacement
vector f changes continuously from O th. At some point along this path the energy
reaches a maximum, which Rice calls the unstable stacking fault engrgyihis quantity
is critical to both the Rice and Khantha—Vitek models of the DBT. Within the Rice model,
the criterion for dislocation emission is

G = ayus (2)

wherew is a factor of order unity which depends on the geometry of the crack.

In each of the models and in the Hirsch—-Roberts model in particular, it is essential
to ductility that the nucleated dislocations be able to move away from the crack tip easily.
Without this freedom of motion it would not be possible to generate a density of dislocations
sufficient to shield the crack tip stresses. Dislocation mobility can be estimated without
recourse to atomistic methods using the approximate Peierls—Nabarro model [26], which for
narrow dislocations can be formulated in terms of the maximum gradient of-theface
along the path toys [4].

To summarize, the conditions for both brittle fracture and the nucleation and motion
of dislocations can be expressed in termsyedurface features. If we adopt the view that
dislocation nucleation is a necessary precursor of dislocation motion, the conditions become
particularly simple, depending only on the two energigeandy,s. Brittleness will occur if
the condition (1) is satisfied before (2); if the converse is true, the material will be ductile.
We define a ‘disembrittlement parameter’

p=2.
Yus
The value ofD that corresponds to the DBT is not known with any precision, but has been
estimated [3] between 1 and 10. For present purposes, that is, to assess whether an alloying
element enhances or degrades the ductility of Mo#iis sufficient to determine whether

the dopant increases or decreases the value odlative to its value in the ideal crystal.

3.2. First-principles methods

Our first-principles total energy method is based on the local density approximation [27]
(LDA) to density functional theory [28] (DFT). We use a pseudopotential approximation

to represent the ion—electron interaction and a plane wave basis to represent the electronic
wavefunctions and charge density. This type of calculation for simple systems such as Si
and Al has proven very reliable in the study of structural properties of bulk and surfaces.
We use optimized pseudopotentials [29] for transition metals (Mo, V, Nb, Tc and Re) with
semicore s and p levels treated as valence states. Our calculations for the lattice constant
and bulk modulus of the bulk elemental crystals and Ma8sulted in excellent agreement

with experiment.
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An energy cutoff up to 60 Ryd has been used in these calculations to ensure convergence
of energy differences within 1 mRyd atom. A Fermi-Dirac broadening scheme with
kgT = 0.04 eV is used to represent the Fermi surface discontinuity andk3d@nts
are used to sample the Brillouin zone of a single unit cell of Mo3it an energy cutoff of
60 Ryd, a calculation with three formula units of Me$ier cell involves finding the lowest
40 eigenstates of a matrix of size 5000 for any gikepoint. For efficient calculations on
metallic systems involving large unit cells and surfaces, we use a preconditioned conjugate
gradient algorithm [30] to iteratively diagonalize the Kohn-Sham Hamiltonian and the
Kerker charge density mixing scheme [31] in the self-consistent procedure to avoid sloshing
of charge between the vacuum and the slab region. This special charge density mixing
scheme mixes small wavevector components of the charge density gradually and thereby
damps oscillations during the self-consistency cycle.

Surface energiegs are obtained from the difference between the total endigyof
a crystal cleaved across a given plane and of the bulk. Our first-principles calculations
use periodic boundary conditions, hence in practice we consider a periodic supercell and
calculate its total energy as a functiondyfthe distance between two atomic layers separated
by the desired cleavage plane in the supercell. These energies are fit to the universal binding
energy function [32]

Eiot(d) _
A

wherex = (d — dpu)/*, € IS €nergy per unit aread of the cleaved crystaldy ik iS

the interplanar separation of the bulk crystal and length scale parameter. The unstable
stacking fault energy is obtained from the total energy of a supercell containing the cut
plane and with atoms on the two sides of the plane displaced in the direction of the fault
vector with respect to each other.

e(d) = eoo — 2ys(1 4+ x)€7" (3

4. Model analysis and results: MoSi

MoSi, crystallizes in a body-centred tetragonal structure as shown in figure 1(a), formed by
the alternate stacking of single Mo and double Si (001) layers. Both Mo and Si atoms are
highly coordinated, with 10 nearest neighbours; as expected with this coordination level,
MoSi; is metallic. It has been found experimentally that many slip systems in MeB&iain
active at low temperatures [21]. Brittle failure in single crystals occurs only when the stress
axis is close to [001] and is caused by increasing difficulty in operation of the slip system
{013}(331), shown in figure 1(b). This slip system involves motion of dislocations with
%[331] Burgers vector on (013) planes. To assess ductility trends, we calgyifaie(001)
cleavage planes angs for the {013}(331) slip system from first principles.

In MoSi,, there are two types of (001) cleavage planes: one separating adjacent layers
of Si atoms and another separating adjacent layers of Mo and Si atoms. We use a supercell
consisting of six (001) atomic layers (conventional tetragonal unit cell with 2 Mo&inula
units) in the calculation ofs. In figure 2, we show total energies for the two (001) surfaces
fitted to equation (3). Energies in the limit of infinite interplanar separation with respect
to the minimum (bulk energy) give the surface energies. Our results show that binding
between (001) Si planeg{= 2.74 J n7?) is weaker than that between (001) Mo and Si
planes s = 3.94 J nT?). Since the surface relevant to brittle failure is that with the smaller
vs, We shall focus on the energetics of cleavage between (001) silicon planes in the alloy
calculations below.
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Figure 1. Crystal structure of MoSi (a) unit cell for the body-centred Cg trystal; full circles
represent Mo atoms and open circles represent Si atoms. (b) (013) plane and the Burgers vector
for the slip system (013)[331].
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Figure 2. First-principles energies (points) fit to the universal equation of state (full curves),
for pure Mo-Si (open circles) and Si-Si (full circles) cleavage planes of MoSs defined in

text, x is the distance between the two adjacent atomic layers in the units of the length scale
parameter.

To obtain a microscopic picture of bonding and better understanding of the above results,
we examine the electronic charge densities in various planes of MaSfigure 3(a), we
show plots of the electronic charge density in a (110) plane, which contains all the bonds
that are broken in a (001) cleavage. Due to the contribution from core 4s and 4p electrons,
there are large densities at Mo sites, indicated by red colour (top of the scale). Clearly, there
is directional bonding between nearest-neighbour Mo and Si atoms appearing as triangular
yellow regions, indicating covalent character. In contrast, there is no significant bonding
between Si-Si and Mo—Mo atoms. This naturally results in lower cleavage energies for
(001) planes that separate Si-planes. We also display charge densities in (001) planes in
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Figure 3. Electronic charge densities of M@Sin (a) the (110) plane, (b) the (001) plane of

Mo atoms and (c) the (001) plane of Si atoms. Red colour corresponds to large and purple to
small charge densities. Mo atoms are at the centre of circular red regions in (a) and (b), and Si
atoms are at the centre of circular black regions in (a) and (c).

figures 3(b) and (c). For both Mo and Si (001) layers, the charge densities are close to being
isotropic. In addition, the small variation in charge density of Si layers indicates metallic
character.

The atomic arrangement in the (013) plane is shown in figure 4(a) with the two smallest
Burgers vectorshy = %[131] andb = %[331]. This plane is treated as a basal plane of
a supercell used in the calculation of the stacking fault energy surface. We considered
supercells with two and three (013) atomic planes to check convergence of the results
with respect to supercell size, for a few points on thasurface. All the results for the
y-surface presented here have been obtained with calculations for a three-layer supercell,
shown in figure 4(b). In figure 5 we show cross sectional branches of the generalized
stacking fault energy surface along the two Burgers vectors. Weyfing 4.33 J nt2 for
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Figure 4. (a) Atomic arrangement in the (013) plane and the two smallest burgers vectors.
(b) Schematic geometry of the three-layer supercell (side view) used in the calculation of slip
energies. The dashed arrow indicates displacement of the upper half relative to the lower half of
the crystal along a Burgers vector. The thick dashed line indicates the boundary of the supercell
corresponding to a finite relative slip of the two halves.

the slip systen{013}(131) and yus = 2.99 J n12 for the slip systen{013}(331), showing

that the nucleation of dislocations on the latter system is energetically favoured, despite the
longer Burgers vector. The intermediate energy minima along these curves indicate possible
stable stacking faults. Connection of these results to possible dislocation dissociation and
anti-phase boundary faults in MgSs the subject of [33].

5. Effects of substitutional alloying

In the previous section, we determined the properties of the cleavage and slip systems
relevant to the ductile—brittle transition in M@Susing a combination of first-principles
calculations and experimental information for the relevant cleavage plane and slip system.
To study the effects of substitutional alloying on ductility, we calculate the surface and
unstable stacking fault energies for these planes using ordered supercells with a few of the
Si or Mo atoms substituted with alloying elements. While the effects of disorder in such
alloys are ignored, the goal here is to examine the effects of a specific alloying element on
the bonding in MoSi through changes it induces to the disembrittlement paranizter

First we study the effects of Al substitution for Si in detail. We replaced a single
(001) plane of silicon atoms with aluminium and calculated surface energies for various
(001) planes, shown schematically in figure 6. We find thafor most of the (001)
cleavage planes reduces with Al substitution. Effects onytifer cleavage at Si-Si planes
are much stronger than those for cleavage at Mo-Si planes. These effects are strongly
localized, decaying rapidly with distance normal to the plane of Al substitution. To obtain
a microscopic picture, we examine the electronic charge densities for Al-substituted (50%
and 100% planar substitution) M@Sshown in figure 7. This corresponds to 16% and 33%
substitution by volume or 4.4% and 8.9% substitution by weight, respectively. Comparison
to the ideal MoSi crystal, also shown in figure 7(c) reveals that the changes in charge
densities are localized near the plane of Al substitution. These effects become stronger with
concentration of planar substitution. The bonding of Si atoms in the plane of substitution
with neighbouring atoms gets substantially reduced, hence the vajud@fcleavage near
these planes is more severely affected than for other planes.
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Figure 5. Energy per unit area of slips on the (013) plane of MdBi(131) and (331) directions,
corresponding to the two vectors shown in figure 4(a). The curves through the points are cubic
spline fits.
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Figure 6. A schematic representation of the Mg®rystal. Each element symbol represents an
entire (001) plane of atoms of this type, while the dashed lines represent cleavage planes. The
numbers in parentheses are the calculated surface eneygie®r(cleavage on those planes.

The representation and numbers at the bottom are for a crystal with an entire Si plane near the
middle of the slab substituted by Al.

The unstable stacking fault energies for Al-substituted Ma@®é obtained by replacing
half or all of the Si atoms in the operative (013) slip plane. With 100% planar substitution
(33% by volume) of aluminum for silicons is reduced by 29%. These calculations did not
include atomic relaxation. To estimate the effects of relaxation, we calculated the energies
of a configuration corresponding to the highest energy barrier, and find that while the atomic
relaxation reduceg,s by 12 to 20%, the percentage reductionyin (relative to its value
in the ideal crystal) due to Al substitution remains essentially unchanged. We have also
studied how the effects of Al-substitution gg and y,s change with its concentration. We
calculated these quantities for 0 (pure MgSb0% and 100% planar concentrations of Al,
and the results are shown in figure 8. The reductiop,g(shown in figure 8 as full circles)
varies nearly linearly with Al concentration. The percentage reductigndts larger than
that in y5 for all the concentrations considered and particularly for small concentrations and
hence the disembrittlement parametgiis enhanced as shown in the figure 8.
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Figure 7. Electronic charge densities on the (110) plane of Al-substituted po8h (a) 50%
and (b) 100% planar substitution (Al atoms are substituted in the third atomic layer from top
indicated by an arrow). For comparison, we display the charge density of monolithic MoSi
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Figure 8. Percentage reduction ip; (open circles)yys (closed circles) and (open triangles)
as a function of planar concentration of Al substitution. The curves connecting these points are
guides to the eye.

We conducted a more limited investigation into the effects of substitution of Mg, Ge
and P for silicon. The results far andyys with full planar substitution are summarized in
table 1. It is found that botk and j,s decrease for substitution by Mg and P. For Geg,
decreases bugys increases slightly. Overall, the disembrittlement paramétetecreases
with the number of valence electrons in the substituted element, indicating that alloying
with acceptor elements should be better for the enhancement of ductility than alloying with
isoelectronic or donor elements. Additional results (figure 9)@rfor substitution with
these elements at 50% substitution reveal that, in genggalaries to a good approximation
linearly with concentration.

Finally, we explored the effects of substituting V, Nb, Tc and Re for Mo. The results
for ys and ys are presented in table 2. As we have shown above, brittle failure breaks
Si-Si bonds; therefore, substitution for Mo has little effectygnOn the other hand, strong
Mo-Si bonds are broken during dislocation nucleation, and hence any substitution for Mo
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Figure 9. ys as a function of planar concentration of Mg, Al, Ge and P substitution for Si.
The lines connecting these points are guides to the eye.

Table 1. Effects onys andyys of full planar substitution of Si by Mg, Al, Ge and B is the
disembrittlement parameter ar?} its value for the ideal crystallfp = 0.92).

Element ys(Im3) wps@m?) (D— Dg)/Do

Si 2.74 2.99 0.00
Mg 1.61 1.45 0.21
Al 2.12 2.13 0.08
Ge 2.32 3.05 -0.17
P 1.78 2.58 —0.26

which weakens these bonds should and does lead to a reductjgn domparable to that
found in the substitution for Si. The disembrittlement paraméteincreases with V, Nb
and Tc substitutions, although, as for Si substitution, the effect is weaker for the alloying
element with a higher valence charge.decreases slightly with substitution of Re for Mo.
The effects of V and Nb substitution ab are very similar, because of their same valence.

In figure 10, we display charge densities in (110) planes for the cases of 50% V and
Tc substitution and compare them to the ideal Mo8iystal charge density. In contrast
with the substitutions for Si, the effects on charge density seem more extended here. The
covalent nature of Mo—Si bonds persists, but is somewhat weaker. This is consistent with
the small changes ips we find with these substitutions. The effect of V substitution for
Mo on the bonds with nearest-neighbour Si atoms is found to be stronger than that of Tc
substitution for Mo.

6. Discussion and conclusions

The interpretation of macroscopic mechanical properties such as ductility and brittleness
in terms of fundamental cohesive properties is a complex and difficult task. The present
work uses a highly simplified treatment, which borrows heavily from fracture mechanics
and dislocation theory, to make the connection between the macroscopic properties and
first-principles quantum mechanical calculations to obtain reliable values for the crucial
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Table 2. Effects onys and yys of full planar substitution for Mo with V, Nb and Tc.

Element ys(Im3) ys@m?3) (D — Dg)/Do

Mo 2.74 2.99 0.00
\Y 2.49 2.30 0.18
Nb 2.60 2.42 0.18
Tc 2.35 2.34 0.10
Re 2.25 2.55 —0.04
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Figure 10. Electronic charge densities in the (110) plane of (a) V-substituted and (b) Tc-
substituted MoSi (V and Tc atoms are substituted for Mo atoms in the top and the bottom
layers indicated by arrows). For comparison, we display the charge density of monolithic
MoSi; in (c).

guantities that enter in the fracture mechanics analysis. There has been much work linking
first-principles results to simpler macroscopic properties (for example, the elastic constants)
for selected materials. To the authors’ knowledge, the present work is the first of its
kind in two respects: (i) it constitutes the first attempt to use first-principles, non-empirical
techniques to provide a prescription for the design of materials with better ductility. (ii) It is
the first of its kind to be motivated by a technological need and a philosophy of providing the
most useful and relevant information, rather than by the cutting edge of scientific capability.
There are many approximations and simplifications which have been made in our
approach. For example, the crystal structure of the alloys can differ from that of the
matrix material, MoSi; we have assumed that the alloying element is soluble in MoSi
and the crystal structure remains the same. In a similar vein, sheer numerical complexity,
even for this simple mode, has forced us to use small supercells. These correspond to
large concentrations and ordered lattice sites for the alloying elements, even though our
stated intention was to look at thmeicroalloy regime. We make no attempt to justify these
approximations, but rationalize them with the above-mentioned philosophy of providing
the most useful and relevant information within the constraints of a real problem. Our
results show trends for ductility which can be correlated with electronic structure, and
which we expect to provide a cost-effective guide to experiment. We would especially like
to emphasize that we were not aware of the recent experimental work [18, 34] confirming
our calculated trends with aluminium substitution until after the present calculations were
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completed. This experimental confirmation is particularly gratifying in light of the drastic
approximations employed.

In conclusion, using a simple model for ductile versus brittle response and input from
first-principles calculations, we have studied the effects of substitutional alloying on the
ductility of MoSi,. This work is intended to provide a guide for experimental efforts to
disembrittle MoSi at low temperatures. Within the simplified treatment we predict that
a quaternary compound which substitutes small concentrations of Mg or Al for Si and V
or Nb for Mo will enhance ductility of MoSiwithout significantly degrading its desirable
physical properties.
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